Electrical switching and readout of antiferromagnets allows to exploit the unique properties of antiferromagnetic materials in nanoscopic electronic devices. Here we report experiments on the spin-orbit torque induced electrical switching of a polycrystalline, metallic antiferromagnet with low anisotropy and high Néel temperature. We demonstrate the switching in a Ta / MnN / Pt trilayer system, deposited by (reactive) magnetron sputtering. The dependence of switching amplitude, efficiency, and relaxation are studied with respect to the MnN film thickness, sample temperature, and current density. Our findings are consistent with a thermal activation model and resemble to a large extent previous measurements on CuMnAs and Mn2Au, which exhibit similar switching characteristics due to an intrinsic spin-orbit torque.
The discovery of the electrical switching of antiferromagnetic CuMnAs via an intrinsic spin-orbit torque has triggered immense interest of researchers working in the field [1, 2] . Experiments verified the proposed switching mechanism via direct imaging and that the remarkable properties of antiferromagnets, such as insensitivity to external magnetic fields and terahertz dynamics, can be exploited in devices [3] [4] [5] . The so-called Néel-order spin-orbit torque (NSOT) has initially been predicted [6] for another material, Mn 2 Au, which is an antiferromagnet with a very high Néel temperature [7] . Several works verified that the NSOT is also present in this material [8] [9] [10] . Recent studies by some of the authors of this letter have demonstrated that thermal activation and thermal assistance via Joule heating are key features to the understanding and realization of stable multi-level devices made of Mn 2 Au or CuMnAs [9, 11] .
Only few metallic materials with suitable magnetic and crystallographic symmetry for the NSOT are known [12] , which poses a significant challange for the development and integration of devices based on these materials. Very recent work demonstrated that spin-orbit torque induced switching of insulating epitaxial NiO layers via the spin Hall effect (SHE) of an adjacent Pt layer results in very similar switching characteristics [13] [14] [15] [16] . While the details of the underlying mechanism are under debate, it nervertheless opens a new route in antiferromagnetic spintronics, as it shows that a much larger number of antiferromagnets can possibly be manipulated via spinorbit torques. Similarly, it was shown that α-Fe 2 O 3 can be switched and that Mn 2 Au can be manipulated via the SHE in a way distinct from the intrinsic NSOT [17, 18] .
In the present letter, we demonstrate that electrical switching is possible with polycrystalline, metallic antiferromagnets and an adjacent Pt layer. Thereby, we show that probably any antiferromagnet can be manipulated via the SHE and read out via either the planar Hall effect (PHE) [1, 9] or the spin Hall magnetoresistance (SMR) [13, 14] . In our experiment, we focus on a low-anisotropy antiferromagnet with high Néel temperature: MnN. It has a tetragonally distorted NaCl structure and a Néel temperature of 650 K [19, 20] . Its magnetic structure is of the AF-I type with the magnetic moments aligned antiparallel along the (001) direction, see Fig. 1 a) . However, the spin orientation is controversial and might depend critically on the lattice constants. In previous studies, some of the authors of this letter have shown its utility for exchange bias applications with large exchange bias fields at room temperature [21] [22] [23] [24] [25] [26] . However, the critical thickness for the onset of exchange bias was observed to be around 10 nm at room temperature, leading to the conclusion that MnN has a small magnetocrystalline anisotropy energy density [27] . Since the available torque from the SHE is not large, we decided to choose this low-anisotropy material, because it seems to be an ideal candidate for an electrical switching experiment.
We prepared Ta (6 nm) / MnN (t MnN ) / Pt (4 nm) samples on thermally oxidized Si substrates via dc magnetron sputter deposition at room temperature. The MnN layer was reactively sputtered from an elemental Mn target in a sputtering gas ratio of 50% Ar to 50% N 2 , following the same procedure as reported in Ref. [21] . Its (001)-textured growth in the as-deposited state as descibed in detail in Ref. [21] has been confirmed by x-ray diffraction. The samples were patterned to star-shape [1] structures (cf. Fig. 1b) ) using electron beam lithography and Ar ion milling. The devices are connected to the measurement setup via Ta/Au contact pads and Au wire bonds. Our measurement system is identical to the one we used previously for the study of Mn 2 Au and CuMnAs. It is described in detail in Ref. [11] . In all experiments presented here, we used a current pulse width of ∆t = 4 µs. Pulses were grouped into bursts with constant charge per burst of Q = 1.68 × 10 −4 C and a duty cycle of 0.001. After every pulse, a delay of 2 s was applied before taking the transverse resistance R ⊥ = U ⊥ /I probe reading with a lock-in amplifier, cf. Fig. 1 b) . To ensure constant nominal current density j 0 = I 0 /(wd) = U 0 /(Rwd), the pulse line resistances R were measured before every switching cycle consisting of six repeats of 200 bursts per current direction and relaxation phases of 600 s. Here, j 0 refers to a nominal current density with the total metallic film thickness d and the current-line width w = 4 µm. For further data analysis, we used a parallel conductor model to determine the Pt layer resistivity using the MnN and Ta resistivities of 180 µΩcm that were determined by fourpoint measurements on suitable reference samples. Additionally, the current density is corrected for the inhomogeneous current flow in the center-region of the star- structure by a factor of 0.6. For more details, we refer the reader to the Appendix to Ref. [11] . In Fig. 1 c) we show typical raw data of switching with both polarities. To analyze a possible influence of the pulsing polarity, we calculate the differences and averages of the two polarities, see. Fig. 1 d) and e), respectively. While the first two repeats show a clear dependence on the polarity, further cycles show only negligible influence of the polarity. Due to the expected symmetry of the Néel order switching, we focus on the reproducible, polarity independent component of the measurement, i.e. the average over the two polarities after a training phase of three repeats. In the following, all switching traces refer to polarity-averaged switching traces after three repeats of training.
In Fig. 2 , we show polarity-averaged switching traces for temperature dependence and current density dependence of the 6 nm MnN sample. The temperature dependence shows clearly that higher temperature assists the switching process, with increasing steepness and amplitude. It is also clearly seen that with higher temperature, the relaxation becomes much faster and complete relaxation to the initial state is seen after 600 s at 260 K. The switching is also quite sensitive to the current den-sity and large changes of the amplitude are seen within a fairly small interval of current densities.
To facilitate a quantitative analysis of the switching traces, we adopt the method from Ref. [11] . Here, we extract three parameters by fitting piecewise modified exponential functions to the polarity-averaged datasets. We use
with the burst count b during pulsing and
with time t during relaxation, which are sufficient to describe the observed switching traces reasonably well. c 0,1,2 , d 0,1 , µ, and τ eff are fitting parameters. Equation 1 is a phenomenological fit function that helps to obtain the switching efficiency of the first burst R e by taking the derivative of Eq.
(1) at b = 0:
The decay is characterized by the effective relaxation time constant τ eff for a given set of parameters. As we show in Ref. [11] , the exponential decay has a strict physical meaning. However, we merge the ensemble of many different relaxation times into a single effective time constant to facilitate the fitting procedure. We additionally define the difference of R ⊥ before and after applying the bursts along one current-line as the absolute switching amplitude |∆R a |.
In Fig. 3 , we summarize the results of this analysis for the temperature and current density dependencies. The absolute switching amplitude shows clear maxima for both film thicknesses as a function of the temperature (Fig. 3 a) ). Remarkably, the thinner film shows a larger amplitude and the maximum is found at lower temperature. Simultaneously, the switching efficiency (Fig. 3 b) ) increases with increasing temperature, but also shows an indication of peaking at a slightly higher temperature as compared to the amplitude. τ eff shows a very strong temperature dependence in both samples and is smaller for the 6 nm MnN film thickness, see Fig. 3 c) . This result is fully compatible with our thermal-activation model developed earlier for the switching in Mn 2 Au and CuMnAs: the peak of the switching amplitude is connected to a maximum in the grain size distribution, which is linked to a switching barrier E B = K V g with the inplane anisotropy K and the grain volume V g . The larger film thickness leads to a larger grain volume und thereby shifts the amplitude maximum to higher temperature. Simultaneously, higher temperatures lead to faster relaxation, as given by the Néel-Arrhenius equation Here f 0 ≈ 10 12 s −1 is the antiferromagnetic resonance frequency, k B is the Boltzmann constant, and T is the absolute temperature. The energy barriers obtained from the relaxations are of the order E B = 0.5 . . . 0.8 eV, see Fig. 3 d) . In contrast to naive expectation of scaling with film thickness, we find that the energy barriers are very similar in both films; we interpret this result later. As a function of current density, we find that both the switching amplitude (Fig. 3 e) ) and the switching efficiency (Fig. 3 f) ) are greatly increased with increasing current density. We find that τ eff also depends on the current density (Fig. 3 g) ) which is due to our simplification of taking a single effective realaxation time instead of observing observing the weights associated with many different relaxation time constants of the ensemble. At higher current density, the film temperature is Note that all Pt current densities are given for the center region of the star-structure. substantially higher, which increases the proportion of larger grains with larger energy barriers that participate in the switching (Fig. 3h) ). The observed τ eff increases as these grains contribute to a slower relaxation at the measurement temperature. Notably, both films have effective relaxation time constants of less than 100 s at room temperature; this is perfectly in line with the observation that exchange bias is observed with MnN only for larger film thicknesses of approximately 10 nm [21] at room temperature.
To shed further light on the Joule heating and the effect of the conducting multilayer system and associated shunting, we study the stack with the parallel resistor model and calculate the spin current density and Joule heating in the center-region as a function of the measurement temperature, see Fig. 4 . The model gives very similar Pt resistivities for the two samples (Fig. 4 a) ), slight deviations probably arise from the neglect of the weak temperature dependence of the MnN and Ta resistivities. Because of the identical nomial current densities j 0 , the sample with 9 nm MnN has a larger center-region current density in the Pt layer, Fig. 4 b) . On the basis of the resistivities and the center-region current densities, we calculate the spin Hall angles θ SH = σ SH ρ Pt (Fig. 4 c) ) with σ SH = 4 × 10 5 (Ωm) −1 [28] and spin current densities j s = θ SH j Pt (Fig. 4 d)) . Here, the spin current density from the Ta film is neglected, because the current density flowing in the Pt layer is approximately eight times larger. Because of the larger film thickness, the Joule heating power is larger in the 9 nm MnN sample (Fig. 4 e) ). Using the heating powers of the center-region of the star structures, we calculate the peak temperatures of the film using an analytical formula [11, 29] . A correction factor of 1.48 determined by a stationary finite-element simulation was applied to take the 50 nm SiO 2 layer into account. Unsurprisingly, at identical measurement temperature, the film reaches a higher temperature due to the Joule heating with larger film thickness. Coming back to the similarity of E B for different film thicknesses (Fig. 3 d) ), we note that both thermal activation and the spin current density are larger in the thicker film. Both aspects lead to a more efficient switching in the thicker film, bringing the two thicknesses closer together in terms of efficiency. However, E B is evaluated from the relaxation, which depends only weakly on how the state has been set, cf. Fig. 3 h) . Both temperature dependencies of E B in Fig. 3 d) can be fitted with identical line fits E B = ∆ T k B T with ∆ T = 37.1 in the range up to 240 K, while saturation is seen at higher temperature. We interpret this as a grain-selection process by the available torque. Only grains with ∆ T ≈ 27 . . . 44 can be switched and be observed to relax [11] . Since the available torque is similar for all film thicknesses, in the thicker film grains with smaller diameter contribute to the switching at a given temperature as compared to a thinner film. Eventually, the energy barrier that is overcome is the same in the different films. This means that the switching will be observable in any antiferromagnet just below or at the onset of exchange bias, which can be taken as a simple measure for the thermal stability and the associated switching energy barrier.
In conclusion, we observe spin-Hall driven electrical switching of the Néel order in a metallic, polycrystalline antiferromagnetic layer. The characteristics are fully compatible with a thermal activation model. Our work demonstrates that the characteristic switching properties observed in epitaxial Mn 2 Au, CuMnAs, or NiO / Pt films can also be obtained in much simpler, polycrystalline antiferromagnetic films.
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